Cold rolling, annealing, and texture of direct-cast strip steel by Bingert, John F.






INFORMATION TO ALL USERS 
The quality of this reproduction is dependent upon the quality of the copy submitted.
In the unlikely event that the author did not send a com p le te  manuscript 
and there are missing pages, these will be noted. Also, if material had to be removed,
a note will indicate the deletion.
uest
ProQuest 10783645
Published by ProQuest LLC(2018). Copyright of the Dissertation is held by the Author.
All rights reserved.
This work is protected against unauthorized copying under Title 17, United States C ode
Microform Edition © ProQuest LLC.
ProQuest LLC.
789 East Eisenhower Parkway 
P.O. Box 1346 
Ann Arbor, Ml 48106- 1346
T-3950
A thesis submitted to the Faculty and the Board of 
Trustees of the Colorado School of Mines in partial 
fulfillment of the requirements for the degree of Master of 
Science (Metallurgical Engineering).
Golden, Colorado
j ,Date f  -' ^ - /CiO
S i gned: , ^ ^  "i





Date f /  ^h/'i O
 Q L  ____________Dr. (/John J. Moore 
Chairman,




The effect of thermal and mechanical processing on the 
structure and properties of an Al-killed, low-C strip steel 
direct-cast by the twin-roll process has been investigated 
by microstructural, recrystallization, and texture analyses. 
The as-cast microstructure consisted primarily of coarse 
Widmanstatten ferrite, and contained a high dislocation 
density. Surface cracks in the as-cast sheet were related 
to a hot-short condition caused by dendritic segregation 
during freezing. Recrystallization of the 50% cold rolled 
as-cast strip initiated preferentially at high-angle grain 
boundaries, with an activation energy for 50% 
recrystallization of 324 kj/mol. Grain refinement of the 
as-cast strip led to enhanced recrystallization kinetics. 
This was attributed to a greater density of preferred 
nucleation sites. Johnson-Mehl-Avrami-Kolmogorov 
transformation kinetics could not adequately describe the 
recrystallization process due to the effects of non-random 
nucleation or boundary pinning from dynamic precipitation.
Crystallographic texture measurements were performed on 
70% cold rolled strip with three initial microstructures: 
as-cast, normalized, and simulated hot-coiled. Relative 
texture development observed trends established in
iii
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conventional batch and continuous annealing of Al-killed 
sheet. Namely, hot coiling improved the texture of 
continuously annealed sheet and degraded the texture of 
batch annealed sheet. Although the {111} texture component, 
which is related to high revalues, developed in the as-cast 
and hot-coiled strip, the {111} components were lower than 
those of the conventionally processed sheet. The normalized 
strip acquired very strong {111} textures, but also 
contained strong {100} components. Modul-r testing results 
showed revalues ranged from 1.45 to 1.56, values slightly 
lower than that required for drawing-quality sheet, but 
better than typical rimmed steels.
Two avenues worth exploring in the development of 
direct strip casting are: 1) the casting of ultra-low-
carbon steels, which may improve resistance to cracking, and 
2) in-line controlled rolling, which could produce as-cast 
structures more favorable to the development of beneficial 
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The development of a commercially viable process for 
the continuous casting of near-net-shape strip steel has 
been sought for over one hundred years (1). The impetus 
behind this activity has been generated from the tremendous 
capital investment and production cost savings direct strip 
casting would enjoy over conventional sheet production.
These savings arise from the conservation of energy and 
labor realized from the elimination of process steps 
associated with hot reduction, and have been projected to be 
up to $100 per ton of sheet (2). Figure 1.1 graphically 
shows the inverse relationships between cast thickness and 
processing time, as well as cast thickness and investment 
cost. The possible exploitation of rapid solidification 
through the generation of refined, homogeneous, and 
nonequilibrium microstructures in the as-cast state 
represents another potential benefit from the development of 
a direct strip cast process route (4).
Conventional production of sheet steel consists of the 
continuous casting of slabs up to 305 mm (12 in.) thick, 
followed by reheating, roughing, hot rolling, and surface 
conditioning treatments until hot band approximately 2.5 mm 















6 82 4 10
Figure 1.1 - Relationship between as-cast thickness and (a) 
processing time and (b) capital investment cost 
for 3 and 0.8 million ton/annum steel sheet 
producers (3).
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subsequently cold rolled and annealed in order to obtain 
formable sheet. In contrast, the direct strip casting 
process route would consist of the continuous casting of 
near-net-shape strip on the order of 1 to 5 mm (0.04 to 0.20 
in.) thick. Ideally, this direct-cast strip could be 
directly cold rolled and annealed to yield an end-product of 
equivalent quality to conventionally processed sheet, which 
could be formed into high-volume products such as automobile 
body panels and appliance coverings. The requirement of a 
hot strip mill would be effectively eliminated. Figure 1.2 
presents a schematic comparison between conventional strip 
production and direct strip casting, in which strip casting 
is shown to by-pass the time-consuming and energy-intensive 
process steps currently associated with the hot strip mill. 
The place of strip casting in the evolution of process 
rationalization from ingot casting to continuous casting is 
also illustrated.
Direct casting of aluminum and copper strip is already 
a commercially established practice (5). However, many 
problems need to be addressed before direct strip casting is 
a commercially viable route for steel. The increased 
difficulty of casting steel is attributable to its higher 
melting temperature and decreased thermal conductivity (6). 









































































necessitates longer times to complete solidification. 
Obstacles to commercial feasibility include lower production 
rates than conventional steel slab casters (6), reoxidation, 
poor surface quality, variable thickness, inhomogeneous 
microstructures, and process control (7). It has yet to be 
established that traditional cold rolling and annealing can 
alone replace the massive hot reductions of conventionally 
processed sheet, and lead to a homogeneous and formable end 
product of conventional quality.
The present work seeks to address this question by 
examining the response of a low-carbon, aluminum-killed, 
direct-cast strip steel to cold rolling and annealing 
treatments.
1.1 Direct Strip Casting Processes
Various methods for producing direct-cast thin strip 
steel are currently under development. These methods are 
evolving from the redesign of amorphous metal casting 
processes to produce greater as-cast thicknesses. This is 
in contrast to the trend in thin-slab casting developments, 
in which strand casting equipment is being down-sized. The 
three most common thrusts in direct strip casting are 
single-roll, twin-roll, and spray casting devices.
Single-roll casting consists of pouring molten steel on
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a water-cooled roller, resulting in single-sided 
solidification (8). A major limitation of this process is 
the restricted thicknesses that can be cast, and the 
unsymmetric heat transfer which results in variable cast 
structure (7).
Twin-roll casters employ two rolls, in which molten 
steel is fed between the two rollers. Solidification occurs 
from both sides. This results in symmetrical cast 
structures and faster cooling rates than single-roll 
casters. Thus, thicker casts and greater production rates 
can be achieved. One of the major deterrents to its 
successful development is the problem of finding a means of 
edge containment (7).
Spray casting is accomplished by spraying atomized 
molten metal droplets onto a substrate. Cooling occurs 
during a droplet's flight or by conduction through the 
substrate. Extremely fine, homogeneous structures can be 
generated, but uniformity and throughput remain problems
(9 ) •
1.2 Formability
The major requirement of most sheet steel is that it be 
formable, or that it has the ability to assume a shape 
imposed on it by a set of dies without failing. Therefore,
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if direct strip casting is to be viable on a large scale, 
the development of formable structures from cold rolling and 
annealing of the as-cast product is a necessity. The 
formability of sheet is dependent on its ability to 
withstand stretching and drawing deformation (10).
Stretchability is determined by the resistance of a 
sheet to localized deformation. This is commonly expressed 
as the uniform elongation of a tensile test specimen. The 
shape of the true stress-true strain curve for low-carbon 
steel can be described by the Ludwik equation (10),
o = k£n (1*1)
where a is true stress, k is a constant, e is true strain, 
and n is the strain-hardening exponent. An instability 
occurs when the strain becomes equal to n. This strain at 
the point of instability is termed the uniform elongation. 
Therefore, optimizing stretchability entails maximizing the 
strain-hardening exponent. The strain-hardening exponent, 
in turn, is directly proportional to grain size. The grain 
size exerts primary control over the value of n. However, 
increasing the grain size beyond approximately 45 ]jm results 
in orange-peel surface markings after forming. Therefore, 
good stretchability is generally imparted to sheet steel by 
processing for large grain size, but not over 45 jum. For 
example, aluminum-killed grades generally show grain sizes
T-3950 8
of 20 to 30 jum ( 10) .
Drawability is a function of a sheet's capability to 
resist deformation in the thickness direction while being 
strained in the plane of the sheet. It is therefore 
desirable to minimize the flow stress in the plane of the 
sheet while maximizing the flow stress in the direction 
normal to the sheet surface. A measure of this plastic 
anisotropy can be obtained by taking the ratio between the 
width and thickness strains from a tensile test:
r = lnlwA)
In (ti/tj)
where r is termed the normal plastic strain ratio, w± is the 
initial width, wF the final width, t. the initial thickness,i f  * i
and tf the final thickness.
Since the plastic strain ratio typically varies with 
the testing direction in the plane of the sheet, an average 
normal plastic strain ratio, or revalue, is most frequently 
used to describe normal plastic anisotropy. The revalue is 
determined by averaging the r-values in the rolling 
direction (rQ.), transverse to the rolling direction (rgo.), 
and diagonal to the rolling direction (r45.) as follows:
r» = \ (ro- + 2r45. +r90.) (1.3)
Greater revalues lead to greater resistance to thinning,
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and therefore more drawable sheet.
A direct measure of sheet drawability is the limiting 
drawing ratio (LDR). The LDR is experimentally obtained by 
determining the largest blank which can be successfully 
drawn into a flat-bottomed cup (11), the effect of the flat 
bottom being to diminish stretching deformation modes. The 
LDR is then defined as the ratio of the maximum blank 
diameter to punch diameter. Figure 1.3 illustrates the 













Figure 1.3 - Correlation between limiting drawing ratio
(LDR) and revalues for low-carbon steels (12).
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A measure of the variation of normal plastic anisotropy 
with respect to direction in the plane of the sheet is 
termed the planar plastic strain ratio, Ar, and is 
determined by the following equation:
Ar = r°° ~ 2r<t5° + rgo° (1*4)
2
Large Ar-values result in deleterious earing formation 
during drawing, a result of the variation of flow stress 
with sheet direction. A positive Ar-value implies greater 
r-values in the 0° and 90° directions than in the 45° 
directions, which leads to ear formation in the rolling and 
transverse directions of the sheet. Negative Ar-values 
result in ears at 45° to the rolling direction.
Plastic anisotropy in sheet steel is derived from the 
anisotropy inherent in body-centered cubic (bcc) iron on the 
crystalline scale. Slip systems in bcc structures are 
limited to movement in the closest-packed <111> directions. 
If a crystal is oriented so that the tensile axis is 
parallel to its (111) plane, the resolved shear stress in 
the [111] direction will be zero. Hence, if a sheet could 
be fabricated with its component grains aligned with their 
{111} planes parallel to the surface, drawability would be 
maximized, since deformation in the direction normal to the 
surface (i.e. thinning) would be restricted as the sheet is
T-3950 11
elongated.
If a polycrystalline sheet's constituent grains are 
oriented randomly, the anisotropic plastic behavior of the 
single crystals negate each other, and the sheet will behave 
isotropically. For the isotropic case, rm would equal unity 
and Ar would be zero. To obtain good drawability, revalues 
should be as high as possible and Ar-values should be close 
to zero. In fact, revalues of at least 1.5 are required 
for drawing-quality sheet (10). In order to achieve rm~ 
values greater than unity, the anisotropy of the iron 
crystal must be transferred to the polycrystal. This is 
accomplished through the development of crystallographic 
texture.
1.3 Crystallographic Texture
Any deformation process applied to iron results to some 
degree in a preferred crystallographic orientation, referred 
to as texture. Texture formation is derived from the 
attempt of the polycrystal to accommodate slip most easily. 
When describing sheet textures, the nomenclature {hkl}<uvw> 
represents a texture component consisting of grains with 
{hkl} planes parallel with the rolling plane and <uvw> 
directions parallel to the rolling direction. It is common 
to develop more than one preferred orientation during
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deformation processing. Preferred texture components 
resulting from the cold rolling of bcc metals can be roughly 
summarized as {001}<110>, {112}<110>, and {111}<112> (13). 
Increased total reductions result in stronger texture 
development.
Recrystallization of a cold-worked structure will also 
develop a preferred crystallographic orientation, but not 
necessarily of the same components as the deformation 
texture. Figure 1.4 shows how rm- and Ar-values of a 
rimmed, batch annealed sheet steel vary with the degree of 
prior cold reduction. The recrystallization texture is 
therefore a function of the intensity of the deformation 
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Figure 1.4 - Relationship between (a) revalue and (b) Ar- 
value as a function of cold reduction for 











The origin of recrystallization textures has been the 
subject of debate for many years, focusing on the relative 
importance of oriented nucleation of recrystallization 
versus oriented growth of newly recrystallized grains.
Direct evidence for both models exists (14). Whether growth 
or nucleation factors predominate, variation of the internal 
stored energy with subgrain orientation is responsible for 
favoring some recrystallization components over others. 
Stored deformation energy is greatest for {111} and {110} 
subgrains (i.e. subgrains with {111} and {110} planes 
parallel with the sheet surface), and these should have the 
greatest driving force for recrystallization. In the course 
of annealing, the nucleation sequence begins with these 
components (15).
To obtain a high r -value for steel sheet, them
{111}<u v w > components should be maximized, and all other 
components minimized. In other words, as many grains should 
be aligned with their {111} planes parallel to the sheet 
surface as possible, so as to be ideally oriented to resist 
thinning while accommodating slip in the plane of the sheet. 
This relationship between revalue and relative {111} 
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Figure 1.5 - Effect of {111}/{110} texture ratio on revalue 
for typical low-carbon sheet steel (15).
The development of a preferred {111} texture has been 
established for conventionally cast low-carbon, aluminum- 
killed (AK) strip through control of the hot- and cold- 
rolling and annealing steps (15,16). Since this study 
involved a direct-cast strip with a typical low-carbon AK 
composition, and since AK steels are most commonly employed 
for drawing applications, specifics of the subsequent 
discussion on annealing treatment will be limited to AK 
sheet grades.
1.4 Annealing
The annealing process, which can be loosely demarcated 
into recovery, recrystallization, and grain growth stages, 
removes stored strain energy from a material, and restores
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the material to its pre-cold worked structure. 
Recrystallization can be defined as the production and 
migration of high-angle grain boundaries due to the driving 
force from the stored energy of deformation in the matrix 
(17). Grain growth involves the movement of grain 
boundaries of recrystallized grains, driven by the high 
interfacial energy of the fine-grained recrystallized 
structure. Recovery can be designated as all other changes 
in the structure of a deformed material upon annealing which 
relieve stored energy but do not involve migration of high- 
angle boundaries (12). An example is dislocation 
rearrangement associated with subgrain formation.
The methods used to anneal low-carbon, AK sheet steels 
for high formability differ, depending on the type of 
annealing employed.
1.4.1 Continuous Annealing
Continuous annealing employs high heating rates and 
short times to establish recrystallization. In conventional 
processing of low-carbon, AK sheet, hot band is coiled hot. 
This effectively removes most soluble carbon from the 
ferrite matrix, as coarse carbides are precipitated during 
the slow cool. For undetermined reasons, the precipitation 
of soluble carbon results in favorable texture formation
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upon cold rolling and rapid annealing (15). One hypothesis 
is that manganese-carbon dipoles, which are deleterious to 
favorable texture formation, are not as able to form during 
annealing when carbon is not in solution (18,19).
The high heating rates associated with continuous 
annealing allow recrystallization to occur in a nearly pure 
ferrite matrix, before diffusion of carbon from the coarse 
carbides is appreciable. Optimum texture formation is 
favored by coarse carbide dispersions, and thus hot coiling, 
since a fine carbide dispersion could saturate the ferrite 
matrix with carbon before recrystallization would commence, 
due to the shorter diffusion distances involved.
1.4.2 Batch Annealing
Batch annealing, which employs slow heating rates and 
long times at temperature, relies on the subtle effect of 
aluminum nitride (AIN) precipitation to produce formable 
sheet. AK sheet to be batch annealed is hot-roll finished 
above Ar3 and water-spray quenched below 600°C before 
coiling (15,16). This insures as much nitrogen remains in 
solution as possible in the hot band. During subsequent 
batch annealing AIN clusters or precipitates at subgrain 
boundaries and grain boundaries concurrently with 
recrystallization, greatly retarding the nucleation of
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recrystallized grains (20,21). Subgrains with lower stored 
deformation energy than {111} subgrains will tend to be 
completely restricted from nucleating. Therefore, the more 
strongly driven {111} subgrains can nucleate and grow with 
less competition from competing texture components (15).
This results in a strong {111} final texture. Slow heating 
rates must be employed to exploit the effect of AIN 
precipitation during batch annealing. Rates on the order of 
50 K/hr (15) are used to ensure recrystallization does not 
initiate before AIN clustering or precipitation commences.
1.5 Review of the Literature
Due to the novelty of direct-cast strip steel, there is 
a paucity of literature concerning its structure, 
properties, and processing. Most work has involved 
simulated strip cast steel, rather than product from actual 
strip casters.
Shiang and Wray (22) examined the effect of thermal 
processing on the as-cast microstructure of three direct- 
cast strip steels, two of which were aluminum-killed, 
including the same cast investigated in this study. They 
estimated the solidification rate for the twin-roll cast 
steel to be 590 to 850 °C/s. The cooling rate at the 
surface was calculated to be 1880°C/s. (Cramb (23) used
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secondary dendrite arm spacing measurements to determine the 
cooling rate of a 1.5 mm twin-roll strip to be approximately 
1670°C/s near the surface, and 167°C/s at the center.) The 
resulting as-cast structure consisted primarily of 
Widmanstatten ferrite and pearlite, with some equiaxed 
ferrite, especially near the surfaces. The structure was 
attributed to the coarse prior-austenite grain size (250 jjm 
in the minor axis) and rapid cooling rate following 
solidification. Post-cast heat treatments showed the as- 
cast structure of AK steels to be more stable to subcritical 
and intercritical heating than that of the non-AK steel.
This is ascribed to the presence of a fine dispersion of AIN 
in the as-cast structure, which appears to prevent ferrite 
grain coarsening during heating.
The remaining studies were performed on simulated 
direct-cast strip steels. Dunand, et al. (24) simulated
strip cast structures of low-carbon steels by using samples 
taken 3 mm from the surface of conventional thick slabs.
They examined the effect of hot-working reduction ratio on 
the mechanical properties of 70% cold rolled and annealed 
samples. Their results showed the rm-value for batch 
annealed sheet improved from 1.0 for the as-cast structure 
to over 1.6 when hot reduction ratios as low as 2.5 were 
employed before cold rolling. For continuously annealed
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sheet, hot reduction ratios of 2.5 enhanced the r -valuem
from 1.1 to 1.4. It was reported the poorer performance of 
the as-cast samples could have been due to inclusions, 
suggesting the importance of metal cleanliness in near-net- 
shape casting. They concluded that direct strip casting may 
be capable of producing drawing-quality sheet, on the 
condition that a minimum amount of hot reduction is provided 
before cold rolling.
Tsukatani, et al. (4) simulated direct-cast strip by
pouring melts into copper chill-molds 4 mm in thickness.
They determined that a grain-refining treatment prior to 
cold-rolling, which transformed the microstructure from 
acicular to polygonal ferrite, resulted in improved r - 
values for low-carbon, AK sheets. This was attributed to 
the finer grain size and the coarsening of AIN in the grain-
refined samples. It was surmised that the coarse AIN
precipitate size was beneficial to drawability by not
inhibiting ferrite grain growth during annealing. The finer
AIN of the non-grain-refined samples pinned boundaries, 
resulting in finer annealed grain sizes. Conversely, grain- 
refined batch annealed sheet exhibited inferior r -valuesm
compared to as-cast sheet. The ability of AIN to 
precipitate during batch annealing in the as-cast samples is 
able to effect beneficial texture development, despite the
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presence of a coarse acicular structure before annealing. 
The grain-refined samples do not have enough nitrogen left 
in solution to influence texture development during 
annealing, and therefore exhibit poor plastic anisotropy. 
The results for continuous and batch annealing are 
summarized in Figure 1.6 as plots of rm- and Ar-values as a 
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Figure 1.6 - revalues and Ar-values for (a) continuously 
annealed and (b) batch annealed simulated 
direct-cast, low-carbon, AK steel. Open 
circles refer to grain-refined steel (24).
Okamoto (25) examined the textures of cold-rolled and 
annealed strip from simulated strip-cast low-carbon, AK 
steel prepared by casting 50 mm-thick slabs. He determined 
the as-cast texture to be very weak due to the 6-y-a 
transformation. Intensities from the {100} and {110}
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texture components were found to be higher, and {111} 
intensities lower than conventionally processed strip of the 
same composition. These differences manifest themselves in 
a lower longitudinal r-value for the direct-cast strip as 
compared to the conventional sheet, 1.5 versus 1.8. An 
addition of titanium was determined to improve the texture 
and rQo-value by refining the as-cast structure.
Inagaki, et al. (26) demonstrated the ability to 
produce novel microstructures through the rapid 
solidification of low-carbon steels by casting strips from 1 
to 20 mm thick. They found that a grain-refining treatment 
after casting resulted in a finer and more uniform 
microstructure after annealing at 700°C. The cooling rate 
for a 1 mm-thick sheet was estimated at 434°C/s.
1.6 Goal of Project
The goal of this project was to investigate the 
response of a low-carbon, aluminum-killed, direct-cast strip 
steel to cold rolling and annealing treatments. The strip 
was produced by the twin-roll process (27). Through 
microstructural, recrystallization, and texture analyses, 
relationships were sought between the direct strip casting 
process and sheet characteristics. The study was designed 
to help determine the feasibility of the direct strip cast
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process to produce sheet which can be processed to yield 
formable product, comparable or improved relative to 




2.1 Twin-Roll Direct-Cast Strip
The strip-cast material analyzed in this study was 
supplied by the consortium of Armco, Inland, Bethlehem, and 
Weirton Steel and is product from their pilot twin-roll 
caster (27). Figure 2.1 shows a schematic of the twin-roll 
caster along with the sample and directional terminology 
employed in this study.
Experiments were performed on a low-carbon, aluminum- 
killed steel (see Table 2.1) produced in the twin-roll 
caster cited above. The sheet was air-cooled after casting 
and not coiled. The nominal thickness of the as-cast sheet 
was 1 mm (0.039 in), and its width was 305 mm (12 in).
Table 2.1 - Chemical Analysis of Direct-Cast Steel (wt%)
C Mn P S Si Al(sol) N O
0.037 0.240 0.028 0.011 <0.010 0.048 0.0064 0.016
2.2 Cold Rolling and Annealing
For recrystallization and texture experiments, the as- 
cast strip was pickled in 50% hydrochloric acid before cold 
rolling on a laboratory rolling mill. Recrystallization and 


















































































Five passes were necessary for 50% reductions and eight 
passes for 70% reductions. Samples were rolled without 
reversal (i.e. the same direction was used for each pass) in 
the original casting direction, on well-lubricated rolls.
The lubrication minimized the effect of non-homogeneous 
deformation, such as surface shearing.
Continuous annealing simulations were carried out in 
molten salt pots. All annealing procedures were performed 
as soon as possible after rolling in order to minimize any 
strain-aging effects. For anneals under 600°C, a salt bath 
composition of sodium chloride, potassium chloride, and 
sodium nitrite was used, while a bath of sodium chloride, 
potassium chloride, and barium chloride was employed above 
600°C. The salt bath annealing treatments effectively 
mimicked the high heating rates and short times typical of 
continuous annealing. Samples for recrystallization 
kinetics studies were water-quenched following immersion in 
the salt pot, while texture analysis samples were air- 
cooled. Normalizing was achieved by immersion in the salt 
pot at 915°C for 10 minutes and air cooling.
Simulated hot-coiling and batch annealing were 
performed in a laboratory muffle furnace under argon gas or 
in a vacuum furnace. Batch annealing was accomplished by 
heating, at 0.014 K/s (50 K/hour), to 695°C for 8 hours, and
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furnace cooling. Hot coiling was simulated by heating at 
700°C for 30 minutes. Hot-coil simulation samples were 
placed between furnace bricks in order to effect very slow 
furnace cooling. Control of the heating rate during batch 
annealing was performed by manually ramping the muffle 
furnace, and by microprocessor control in the vacuum 
furnace. Samples were located as near to the control 
thermocouple as practicable.
2.3 Metallography
This section describes the sample preparation and 
techniques employed for microscopy, recrystallization 
analysis, and texture analysis of the direct-cast strip 
steel.
2.3.1 Light Microscopy
Microscopy was performed on the as-cast, texture, and 
recrystallization samples for the purpose of observing the 
effects of cold rolling and annealing on the microstructure. 
Samples for light microscopy were prepared by standard 
metallographic techniques. Specimens were polished with S]jm 
diamond paste, and 1 and 0.05 nm alumina before being etched 
with 2% nital to display general microstructure. Both 
LePera's etch and Bechet and Beaujard's etch (a solution of
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saturated aqueous picric acid and sodium tridecylbenzene 
sulfonate) were used to highlight compositional segregation. 
Light photomicrographs were taken with Polaroid Type 55 film 
on a Neophot 21 metallograph. Grain size was determined for 
the as-cast and normalized samples through a Leco 2001 image 
analyzer dedicated to the metallograph.
2.3.2 Recrystallization Analysis 
Recrystallization samples were mounted to display the
longitudinal section (see Figure 2.1) and etched with 2% 
nital. This facilitated recognition of the cold-worked 
fraction, which appeared both flattened and elongated.
Volume fraction recrystallized was determined by systematic 
point counting in accordance with ASTM E562 (28). Point- 
counting grids of 16 or 63 points per field were overlayed 
on the metallograph's viewing screen, the denser grid 
employed for samples with less than 20% volume 
recrystallized.
2.3.3 Texture Analysis
Samples for texture analysis (approximately 20 cm (0.75 
in) square) were ground to near mid-thickness, then 
chemically polished with a solution of 95% hydrogen peroxide 
and 5% hydrofluoric acid in order to remove the disturbed
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surface layer. The texture of a thin sheet does not vary 
with distance from the surface after reductions greater than 
50% (29), as long as non-uniformly sheared surface layers 
are avoided. However, since most studies in the literature 
prepare texture samples at mid-thickness, it was decided to 
follow that trend in the present work.
Crystallographic texture measurements were performed on 
samples subjected to various thermal treatments prior to and 
following cold rolling 70%. The identical processing steps 
were used for preparation of modul-r testing samples in 
order to determine the plastic strain anisotoropy in 
conjunction with the textures. Modul-r testing will be 
discussed in Section 2.5. Steps for the preparation of the 
various texture and plastic strain ratio samples are listed 
in Table 2.2.
Raw texture data were collected in the form of {110}, 
{200}, and {211} pole figures. Pole figure measurements 
were performed at Los Alamos National Laboratory with a 
goniometer by the Schulz reflection method (30). The source 
of x-rays was provided by Ka radiation from a copper-target 
tube operated at 40 kV and 20 mA. Intensities were read at 
5° increments of tilt and rotation, and the sample was 
oscillated so as to average intensity readings over as many 
grains as possible. The intensity data from a
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CA-1 As-Cast 70% Continuous Annealed (680’C, 4 1/2 min.)
CA-2 As-Cast 70% Continuous Annealed 
(800 °C, 2 1/2 min.)
CA-3 Hot Coil 
Simulated
70% Continuous Annealed 
(680 °C, 4 1/2 min.)
CA-4 Hot Coil 
Simulated
70% Continuous Annealed 
(800 °C, 2 1/2 min.)
CA-5 Normalized 70% Continuous Annealed 
(680 °C, 4 1/2 min.)
CA-6 Normalized 70% Continuous Annealed 
(800 °C, 2 1/2 min.)
BA-1 As-Cast 70% Batch Annealed 
(695 ° C , 8 hrs.)
BA-2 Hot Coil 
Simulated
70% Batch Annealed 
(695 ° C , 8 hrs.)
BA-3 Normalized 70% Batch Annealed 
(6 95 ° C , 8 hrs.)
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scintillation counter were automatically collected by a 
microcomputer.
Each sample's set of three raw pole figures was rotated 
to give the greatest degree of orthotropic symmetry to the 
set. This symmetry inherent in the pole figures arises from 
the orthogonality of the sample reference frame (rolling, 
transverse, and normal directions). The rotated pole figure 
data were subsequently corrected for background noise and 
defocussing by subtraction of a random texture file. A 
sintered iron-powder sample possessing random texture was 
used for this purpose.
The orientation distribution function (ODF) for each 
sample was determined from each set of corrected pole 
figures through the use of the Williams, Imhof, Matthies, 
Vinel (WIMV) algorithm (31). The WIMV algorithm, through 
the calculation of an ODF, distills quantitative three- 
dimensional orientation information from the two-dimensional 
pole figures. Thus, both preferred planes and directions can 
be detected.
Essentially, the WIMV algorithm operates through an 
iterative process in which weights are assigned to different 
orientations. The value of the weight is dependent upon the 
relative proportion of grains in the sample possessing that 
orientation, as deduced from the pole figure data. The
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iteration seeks to calculate a set of orientation weights 
which is most consistent with all three pole figures. The 
description and representation of orientation distributions 
will be presented in Section 3.3.2. Software employed to 
manipulate pole figure data, determine the ODFs, and 
graphically display them were developed at Los Alamos 
National Laboratory.
2.3.4 Electron Microscopy
Scanning electron microscopy (SEM) was utilized to 
examine the general microstructure at greater magnification. 
A JEOL JXA-820 operated at 15 kV and 6xlO~10 mA was employed 
for this purpose. Samples for SEM analysis were polished 
with 6 jum and 1 jjm diamond paste only, in order to avoid 
contamination from alumina particles during subsequent 
compositional analysis. X-ray microanalysis was employed on 
the SEM to determine the chemical composition along 
dendritic paths compared to the interdendritic matrix by use 
of a Tracor Northern energy dispersive spectroscopy (EDS) 
system.
Transmission electron microscopy (TEM) was utilized to 
analyze the as-cast and annealed direct-cast strip. A 
Philips EM400 electron microscope, operated at 120 kV was 
employed for all TEM observations. Foils were prepared for
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electron microscopy by mechanically grinding, then 
chemically polishing with a solution of 35 ml water, 15 ml 
hydrogen peroxide (30% solution), and 2 ml hydrofluoric 
acid. Jet polishing with a Fischione jet polisher operated 
at 35 volts was used to thin the sample to electron 
transparency. The electrolyte was a solution of 5% 
perchloric acid and 95% glacial acetic acid at room 
temperature.
2.4 Nitrogen Analysis
Quantitative analysis of selected samples for soluble 
and total nitrogen analysis was performed by Bethlehem 
Steel. Soluble, or mobile nitrogen was determined by a 
thermal decomposition technique. This involved passing a 
stream of heated hydrogen gas over the sample, which was in 
the form of fine millings. The nitrogen is converted to 
ammonia gas, which is quantitatively measured. The total 
nitrogen is determined separately by standard chemical 
methods.
The difference between total and mobile nitrogen 
indicates the amount of nitrogen in nitride form.
Considering the composition of the AK steel examined in this 
study, the vast majority of the nitride is presumed to be in 
the form of AIN.
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2.5 Modul-r Testing
The normal plastic strain ratio, or revalue, was 
determined for each texture sample by modul-r testing 
techniques at Dofasco Steel's Research Laboratory. Tensile 
testing to determine revalues, which are difficult to 
obtain accurately under the best of circumstances, was 
deemed unreliable due to surface defects in the direct-cast 
strip. The presence of surface cracks also negated the use 
of LDR testing.
Figure 2.2 shows a schematic of the modul-r testing 
machine and the required sample dimensions. A modul-r 
testing machine exploits the magnetorestrictive effect 
present in ferromagnetic materials to determine the elastic 
modulus of a sheet sample. Magnetostriction is a phenomenon 
which involves the strain of a material in the presence of a 
magnetic field (32). The modul-r tester operates by 
inducing alternating compressive and tensile elastic strains 
down the length of a specimen through an alternating 
magnetic field in the drive coil (see Figure 2.2). These 
strains, in turn, alter the magnetic induction of the 
sample. The altered magnetic induction induces an 
alternating current in the pickup coil, which feeds this 
signal back to the drive coil. The overall effect is to 





























































































data are collected in the form of resonant frequency values 
for each sample.
The elastic modulus can be calculated from the 
frequency by the following equation,
E = p(2Lf)2 (2.1)
where E = Young's modulus, p = density, L = sample length, 
and f = frequency (11). An average Young's modulus, Em, and 
variation of Em in the plane of the sheet, AE, were 
calculated from specimens cut from the longitudinal, 
transverse, and diagonal directions in the sheet, in the 
same manner as r - and Ar-values (eqns. 1.3 and 1.4). The 
r - and Ar-values were determined from Em and AE through 
empirically obtained relationships. These correlations 
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Figure 2.3 - Relationship between (a) r and Em, and (b) Ar 
and AE for low-carbon steel sheet (32).
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3.0 RESULTS AND DISCUSSION
3.1 As-Cast Strip
The as-cast strip was examined in order to determine 
how the direct strip casting process influenced the 
microstructure of the near-net-shape material, and provide a 
baseline against which to measure the effect of subsequent 
mechanical and thermal processing.
The as-cast structure of metals is primarily dictated 
by the cooling rate encountered during the casting process. 
Since direct strip casting generates much greater cooling 
rates than conventional slab casting, the microstructures 
would be expected to differ from continuously cast slabs.
The effect of this initial microstructure on ensuing 
microstructures will be examined in later sections on 
recrystallization and texture analysis.
3.1.1 Macrostructure
The surface macrostructures of as-cast and cold rolled 
specimens are shown in Figure 3.1. Figures 3.1a and 3.1b 
display the as-received strip. The surface of the sheet was 
heavily oxidized, and a network of cracks encompassed both 
sides in all directions, although cracks in the transverse 
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variation in thickness of approximately 0.05 mm (0.002 in) 
was observed across the width of the strip. The width edges 
were delineated by thick beads, evidence of the difficulty 
to devise a means of edge containment for twin-roll casters. 
The sheet was somewhat wavy in appearance, which could be 
due to unequal cooling between the two rolls. However, the 
overall integrity of the strip was good.
An example of the pickled sheet surface is presented in 
Figure 3.1c, in which the cracking networks are prominently 
displayed. Cold rolling of pickled strip at reductions as 
small as 50% resulted in significant improvement in surface 
appearance, as illustrated in Figure 3.Id. Most of the 
cracking had closed upon 50% cold rolling, presenting a 
nearly defect-free fagade to the sheet.
3.1.2 Microstructure
Figure 3.2 shows that the as-cast microstructure 
consists primarily of Widmanstatten ferrite and pearlite, 
with some polygonal ferrite interspersed through the 
structure, but located principally near the free surfaces. 
Average grain size was 27 pm, with an aspect ratio of 1.6 in 
the longitudinal direction. The pearlite colonies occur 
chiefly at the tips of the Widmanstatten ferrite grains (see 




Figure 3.2 - Longitudinal sections from as-cast strip.
Arrows in (c) point to idiomorphic ferrite. 
Light micrographs, 2% nital etch.
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The transformation of austenite to Widmanstatten 
ferrite is favored by large austenite grain size and rapid 
cooling rates. Both conditions were satisfied during the 
direct strip casting process. Rapid cooling rates promote 
large undercoolings of the austenite parent phase below Ar3, 
and create competition between austenite transformation to 
ferrite grain boundary allotriomorphs and Widmanstatten side 
plates. Greater undercoolings promote the formation of the 
Widmanstatten structure.
The relative velocities of semicoherent and incoherent 
interfaces are suggested as the primary factor in the 
formation of the Widmanstatten structure (33). According to 
this argument, incoherent interfaces can better exploit the 
increased thermodynamic driving force associated with 
greater undercoolings, and therefore attain greater mobility 
than semicoherent boundaries. The difference between 
relative mobilities would result in the rapid migration of 
the incoherent tip of the ferrite nucleus, with limited 
migration of the semicoherent edges. The effect would be 
the growth of a narrow Widmanstatten side plate.
Another theory regarding the preference for 
Widmanstatten side plate formation with increased 
undercoolings, described by Smith (34) and Krauss (35), 
suggests that at high transformation temperatures (low
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undercoolings) incoherent boundaries between austenite and 
ferrite migrate at much greater rates than semicoherent 
boundaries, resulting in allotriomorphic growth. However, 
at greater undercoolings the low diffusional mobility of the 
incoherent boundary greatly retards its motion. At the same 
time, the increased thermodynamic driving force effects a 
shear-enhanced propagation of the semicoherent boundary, 
resulting in a Widmanstatten side plate.
For either case, the pointed pearlite colonies in the 
as-cast strip could be explained by the fact that the 
characteristic diffusion distance for solute in a parent 
phase is directly proportional to the radius at the tip of a 
precipitate (36). Therefore, carbon diffusion ahead of the 
advancing Widmanstatten side plate was enhanced, allowing 
for the rejection of carbon from the growing ferrite phase 
and its diffusion ahead of the advancing interface.
Pearlite formed when either the side plate impinged on 
previously transformed ferrite boundaries, or a critical 
saturation was reached ahead of the ferrite tip to effect 
the eutectoid reaction. The pearlite colonies, once formed, 
become a record of the profile of the carbon concentration 
ahead of the tip. This accounts for their spiked structure, 
since carbon could diffuse most readily directly in front of 
the tip, where the radius of curvature is smallest.
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Concerning the effect of grain size, large austenite 
grain size acts to limit the length and area of grain edges 
and boundaries, respectively, per unit volume. These are 
preferred nucleation sites for the transformation to 
allotriomorphs. The prior-austenite grain size of the steel 
examined in this study was determined to be very coarse, 250 
jL/m (minor axis length) as measured by Shiang and Wray (22). 
The dearth of preferred nucleation sites limits 
allotriomorph nucleation at higher temperatures, and thereby 
favors undercooling to a critical temperature for side plate 
growth.
The existence of ferrite idiomorphs, as shown in Figure 
3.2c, is also favored by the coarse austenite grain size. 
Carbon rejected from growing ferrite grains requires more 
time to diffuse to the interior of austenite grains and 
thereby reduce supersaturation of the austenite with respect 
to iron. Before the carbon can reach the grain interior, 
the undercooling there can become great enough to allow 
ferrite nucleation at less-preferred intragranular sites.
The presence of equiaxed ferrite grains in the interior 
of the strip has been suggested to be caused by the 
statistical variation in austenite grain size (22). This 
could also explain the greater proportion of polygonal 
ferrite near the strip surface, since austenite grains were
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finer toward the surface due to more rapid cooling from
contact with the chilled rolls.
Figure 3.3 shows SEM micrographs of the etched as-cast 
structure. Pearlite and very fine Widmanstatten side plates 
are readily observed in Figure 3.3a, while a fine 
substructure network can be discerned in Figure 3.3b. The
inclusion in Figure 3.3b was identified as MnS by EDS
techniques.
The substructure network consists of arrays of 
intragranular dislocations which form subboundaries in 
ferrite grains. These dislocations are generated as a 
result of austenite-to-ferrite transformation stresses and 
thermal stresses from quenching. The ferritic substructures 
are collectively referred to as veining.
Veining has been the subject of several studies 
(37,38,39) which report that it is favored by rapid cooling 
rates and large austenite grain size. Zwell, et a l . (37)
found that increasing cooling rate and austenite grain size 
resulted in a more complex and denser dislocation 
substructure in the transformed ferrite. This could be 
achieved by rapid quenching from a high temperature, which 
describes the conditions prevailing during direct strip 
casting. It is surmised that these conditions result in 
complex veining due to rapid transformations of large volume
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Figure 3.3 - Longitudinal sections from as-cast strip.
Arrows in (b) point to MnS inclusion at upper 
left, and veining network at lower right. SEM 
micrographs, 2% nital etch.
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fractions, which generates steep stress gradients. These 
stresses are accommodated by dislocation arrays which are 
not able to anneal out because of decreased mobility 
resulting from the fast quench.
TEM micrographs of the as-cast steel (see Figure 3.4) 
reveal microstructural features in greater detail. Figure 
3.4a shows the internal structure of Widmanstatten ferrite 
grains, whose side plates run parallel with each other.
This suggests an orientation relationship existed between 
the Widmanstatten ferrite and the austenite parent grain. 
This relationship has been found in other ferritic steels 
(40,41), and can be described as ( H 0 ) £arrlts // (lll)ratMite, 
with orientation relationships close to Nishiyama-Wasserman 
or Kurdjumov-Sachs types.
The side plates contain a high density of dislocations 
with numerous dislocation tangles. However, there appears 
to be a significant fraction of dislocations oriented 
perpendicular to the length, or growth direction, of the 
plates. These could be associated with misfit dislocations 
related to the semicoherent ferrite-austenite interface.
The misfit dislocations serve to accommodate the atomic 
disregistry between the two phases, and thus decrease the 
interfacial energy of the boundary (42). They could also
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facilitate a shear-type austenite-to-ferrite transformation, 
thereby supporting the shear mechanism for Widmanstatten 
ferrite formation (34,35).
Figure 3.4b shows a fine dispersion of precipitates in 
the ferrite matrix. This dispersion could be due to quench- 
aged carbides, MnS or AIN precipitation, or some combination 
of these. The concentration of the dispersion was 
atypically dense in the area shown by this micrograph.
Volume fraction of precipitates was not large enough to 
obtain diffraction data for positive identification, nor 
were replication attempts successful.
Figure 3.4c displays a low-angle subboundary in the 
high dislocation density ferrite matrix. The subboundary 
networks assumed very irregular shapes, indicative of the 
rapid cooling rate and large austenite grain size effect on 
subboundary formation. A less defined subboundary can be 
seen emanating from a grain edge in Figure 3.4d. The triple 
point may act as a concentrator for thermal and 
transformation stresses during cooling, thereby providing an 
initiation site for the strain-accommodating dislocation 
network. The curved boundaries in the vicinity of the grain 




Figure 3.5 illustrates the solidification structure of 
a direct-cast steel of similar composition to that used for 
all other experiments in this study. The full-thickness 
cross section (see Figure 3.5a) shows that solute 
segregation has occurred, even at the rapid solidification 
and cooling rates associated with twin-roll strip casting. 
The light regions at both surfaces are indicative of the 
chill zone, where contact with the chilled rolls resulted in 
solidification rates great enough to limit segregation of 
solute elements. Away from the chill zone, primary dendrite 
formation is evident perpendicular to the surface, or 
parallel to the direction of heat extraction. Light areas 
represent the solute-enriched interdendritic regions, and 
dark areas the solute-depleted primary dendrites. Pockets 
of equiaxed dendritic growth can be discerned, indicative of 
greater cooling rates in those areas. A center-line 
segregation zone, highlighted in Figure 3.5b, is also 
present, a result of the biaxial symmetry of double-sided 
solidification. The overall impression of the 
solidification structure is that of a miniaturized thick 
slab.
The effect of cold rolling and continuous annealing on 
the solidification structure is illustrated in Figure 3.6.
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Figure 3.5 - Longitudinal sections from as-cast strip
illustrating solidification structure from 
dendritic segregation. Light micrographs, 
LePera's etch.
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Figure 3.6 - Dendritic segregation in longitudinal sections 
after cold rolling: (a) 50%, (b) 70%, and (c)
70% and annealing at 680°C for 4 1/2 min.
Light micrographs, Bechet and Beaujard's etch.
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In this series of micrographs the interdendritic regions are 
etched dark, due to the use of a different etchant than that 
for the micrographs in Figure 3.5. After cold rolling 50% 
(see Figure 3.6a) the original solidification structure is 
still intact, although skewed in the rolling direction. 
Increasing the reduction to 70% (see Figure 3.6b) breaks up 
most of the columnar segregation, but the center-line 
remains prominent. After heating to 680°C for 4 1/2 minutes 
(see Figure 3.6c), a typical temperature and somewhat 
lengthy time compared to conventional continuous annealing, 
segregation is still evident. This indicates much of the 
as-cast segregation survives cold rolling and annealing 
processes. The persistence of manganese segregation could 
lead to banding of ferrite and pearlite (43), although 
banding would not readily be noticeable in steels with 
carbon contents less than 0.1% by weight.
3.1.4 Surface Cracking
The presence of surface cracks in a sheet steel would 
be an insidious defect from a formability standpoint. In 
this discussion, a longitudinal crack is defined as one 
which runs in the longitudinal direction across the surface, 
and transverse cracks as ones which run in the transverse 
direction.
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Two general types of cracks were found in the as-cast 
strip; shallow, wide cracks, and deeper, narrow cracks. 
Figures 3.7a and 3.7b show cross sections of typical shallow 
cracks. These shallow cracks appear to contain shrinkage 
cavities at their bases. Examples of deeper, thinner cracks 
are shown in Figures 3.7c and 3.7d after cold rolling the 
strip. Cold reduction tends to close these cracks, to a 
greater degree for the longitudinal variety (see Figure 
3.7c) than for the transverse (see Figure 3.7d). Although 
the outward appearance of the cold-rolled sheet is defect- 
free, the cracks are not healed in the sense of being 
mechanically welded. Therefore, tensile stresses applied 
during forming operations will open the cracks and provide 
failure initiation sites.
Figure 3.8 clearly shows the relationship between the 
dendritic structure and the formation of cracks in the as- 
cast sheet. The solidification structure in these 
micrographs is etched so that solute-enriched interdendritic 
regions appear dark. The presence of interdendritic liquid, 
which has a lower melting point than the dendrites, appears 
to result in hot shortness during casting. The tensile 
stresses which opened longitudinal and transverse cracks 
along interdendritic pathways were supplied by either the 
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Figure 3.8 - Dendritic structure in as-cast strip,
suggesting development of: (a) longitudinal
cracks, and (b) transverse cracks. Light 
micrographs, Bechet and Beaujard's etch.
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on the partially solidified strip.
The cracking process may have been assisted by an 
inverse segregation phenomenon, wherein the roll-separating 
force squeezed interdendritic liquid from the center-line 
back toward the surface, thereby leaving the surface 
vulnerable to cracking. Nishioka, et al. (44) found that
increasing the roll-separating force in a twin-roll caster 
from 18 to 130 kN (2 to 15 tons) led to increased cracking 
and the development of a negative segregation zone at the 
center-line. Perhaps the cracks in the direct-cast steel in 
this study were caused by an inverse segregation effect, 
whereby interdendritic liquid was squeezed to the surface.
If some of these surface areas did not experience sufficient 
tensile stresses to crack the matrix along this route, the 
interdendritic liquid would be allowed to freeze relatively 
undisturbed. This could be the source of the shallow 
"cracks11, which could result from the solidification 
contraction of the late-freezing liquid. This mechanism 
would also explain the small shrinkage cavities associated 
with them. If tensile stresses were sufficient, the matrix 
would separate along the weak interdendritic path, leading 
to deeper, narrower cracks.
Energy dispersive spectroscopy (EDS) on the SEM was 
employed in an attempt to determine the solute segregants
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responsible for formation of the interdendritic liquid. 
Figure 3.9 displays SEM micrographs defining the location of 
the EDS probe used for compositional microanalysis. The EDS 
analysis showed nearly identical compositions between the 
interdendritic region associated with cracks, and the 
adjacent dendritic core. The only measurable difference 
between the two regions was the detected presence (about 
0.4%) of sulfur in the interdendritic region. No sulfur was 
detected in the matrix. The trace presence of an element 
would not be meaningful if taken alone, but these results 
were typical of several such analyses at different 
locations. Phosphorous was occasionaly found in trace 
amounts along with sulfur, but these tramp elements were 
never detected in the matrix.
From these observations, it can be surmised that the 
interdendritic zone was somewhat enriched in sulfur and 
phosphorous compared to the dendrites. It appears that even 
slight amounts of segregation are able to effect the 
formation of lower-melting-point interdendritic channels 
which lead to solidification cracking. Since the 
interdendritic and matrix regions have such similar 
compositions, their difference in freezing temperature was 
probably small. Considering that the cracking took place 
while interdendritic regions were still liquid, or in a
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Figure 3.9 - Dendritic segregation in transverse section of 
as-cast strip, showing: (a) longitudinal
cracks, and (b) interdendritic path leading to 
crack. Box in (a) outlines magnified area in 
(b). Arrows in (b) point to locations of EDS 
probe. SEM micrographs, Bechet and Beaujard's 
etch.
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mushy state, and the cooling rate was on the order of 
500°C/s, cracks most likely formed while the strip was still 
between the rolls, or immediately upon exiting.
The presence of small amounts of tramp elements has 
been thought to be responsible for solidification cracking 
in conventional continuous cast slabs (45). Phosphorous and 
sulfur are generally kept below 0.03 wt% for this reason, as 
they were in the strip-cast steel. Also, the low carbon 
level of the strip-cast steel (0.04 wt%) results in 6- 
ferrite formation upon solidification. This reduces 
segregation of tramp elements compared to higher-carbon 
steels which freeze directly to austenite (45). In summary, 
the direct-cast strip developed numerous cracks despite a 
composition favorable for avoiding development of crack- 
inducing, low-melting-point interdendritic regions. These 
considerations signify that steel strip solidifying under 
the conditions imposed by the twin-roll process is very 
sensitive to crack formation.
3.2 Recrystallization
The recrystallization behavior of the direct-cast strip 
was examined in order to gain insight regarding the response 
of the steel to cold rolling and annealing. The 
microstructures which developed through the course of
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annealing and the kinetics of recrystallization were 
investigated by cold rolling the as-cast strip 50%, then 
annealing at various times and temperatures.
3.2.1 Microstructural Evolution
The progression of recrystallization for the 50% cold 
rolled strip annealed at 650°C is presented in Figure 3.10. 
The ferrite and pearlite in the as-rolled strip (see Figure 
3.10a) are elongated from rolling. The structure retains a 
fraction of the work applied during deformation as stored 
energy within the metal. This stored energy, in the form of 
increased dislocation density, will become the driving force 
for recrystallization upon heating.
After 10 seconds at 650°C (see Figure 3.10b) 
recrystallization has commenced, as shown by the lighter 
grains. Nucleation has preferentially initiated at high- 
angle grain boundaries and grain edges. This is a common 
feature in the annealing of deformed polycrystals. However, 
the boundaries between Widmanstatten side plates do not 
appear to be potent nucleation sites. The orientation 
relationship between the side plates results in boundaries 
of lower-angle character.
A subgrain is favored to become a nucleus for 





























































it kinetic and thermodynamic attributes for growth. For 
kinetic considerations, the subgrain should possess a high- 
angle (from about 9° to 18° (17)) boundary with respect to
its neighboring subgrains. The greater mobility of high- 
angle boundaries over low-angle boundaries is well 
established (46,47,48). Recrystallization nucleation is 
favored at grain edge and boundary regions due to the 
greater degree of lattice rotation in these areas during 
deformation. This bending results in the development of 
mobile, high-angle subboundaries. From a thermodynamic 
view, the subgrain should contain less stored energy than 
its neighbors, and be large enough so that its growth 
results in a greater reduction in bulk free energy than 
energy gained by the production of additional interfacial 
area (49 ) .
After 300 seconds (see Figure 3.10c) recrystallization 
has progressed to 45% of the total volume fraction. The 
clustering of recrystallized regions is due to the 
heterogeneous spacing of preferred nucleation sites. Since 
new grains are preferentially nucleated in rows along 
elongated grain boundaries, the regions between grain 
boundaries are the last to recrystallize. In Figure 3.10d 
recrystallization is 88% complete. The remaining 
unrecrystallized fractions exist in isolated patches, devoid
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of high-angle boundaries. This implies areas without 
favored nucleation sites are the final regions to be 
consumed by growing recrystallized grains. Most of the 
carbides appear to have spheroidized by this time.
The nucleation of recrystallized grains is generally 
acknowledged to be due to one of three mechanisms (17). All 
of these mechanisms involve the concept of a pre-existing 
region in the matrix which has the capability of becoming a 
nucleus. This pre-existing region is in the form of a 
subgrain, which develops through the formation of cells 
during cold deformation. The cell size in iron remains 
relatively constant after about 10% deformation, reaching a 
size on the order of 1 jjm (17). Upon recovery, the 
dislocation tangles which make up the walls will undergo 
some degree of polygonization, wherein thermally assisted 
dislocation rearrangement and annihilation leads to a lower 
energy (actually a lower boundary energy per dislocation) 
configuration (50). The resultant subgrains may be larger 
than the previous cell size.
The first possible recrystallization nucleation 
mechanism involves the boundary migration of a strain-free 
subgrain which grows into its neighboring subgrains. For 
the boundary to attain sufficient mobility, it must 
reconfigure itself from that of a low-angle type to that of
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a high-angle type. (Although pure, symmetrical low-angle 
boundaries are highly mobile, they cannot migrate without 
sweeping up excess dislocations, which would act to "freeze" 
them by changing their symmetric character. Asymmetrical 
low-angle boundaries,are inherently less mobile. (51)) The 
driving force for this reaction follows from a consideration 
of the Read-Shockley equation:
y = yo0 (A - ln0) (3.1)
where y is the boundary energy per unit area, A and yo are 
constants, and 0 is the angle of misorientation. Since the 
slope of this function is found to decrease with increasing 
misorientation (52), it follows that the interfacial energy 
can be reduced by the combination of two lower-angle 
subboundaries to form a higher-angle boundary with greater 
mobility.
Another possible mechanism, termed the subgrain 
coalescence model, asserts that a nucleus is achieved by the 
rotation of two or more subgrains so as to eliminate their 
common boundaries (53). The driving force for coalescence 
would be the elimination of the common subboundary, and the 
increase in misorientation of the new coalesced subgrain 
boundary after rotation. The result of coalescence can be a 
large subgrain with high-angle boundaries, a condition 
favorable for the formation of a recrystallization nucleus.
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A third method to initiate recrystallization involves 
strain-induced boundary migration (SIBM). SIBM can occur if 
there is a large enough gradient in stored energy across a 
grain boundary. In this mechanism, subgrains from the grain 
with lower stored energy will bulge the grain bounday so as 
to consume the adjoining grain (54).
Figure 3.11 shows a TEM micrograph from a direct-cast 
strip sample cold rolled 50% and annealed at 700°C for 20 
seconds. A recrystallized grain with low dislocation 
density can be seen growing into the unrecrystallized 
matrix. A line of precipitates in the recrystallized grain 
marks the location of the prior grain boundary. This 
implies the recrystallized grain was not growing by an SIBM 
mechanism, or else it would have grown away from the 
boundary. The untransformed grain marked "A" has developed 
well defined subgrains, while the subboundaries in grain "B" 
are less distinct. It appears as though grain "A" has 
recovered to a greater extent than "B". However, if there 
was any difference in the degree of recovery between the two 
grains, it did not affect the rate at which
recrystallization progressed, evident by the symmetry of the 
recrystallized grain across the old boundary. Perhaps the 
recrystallized grain has attained its elongated shape 
because the stored energy of the subgrains are greater in
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Figure 3.11 - Partially recrystallized direct-cast strip,
rolling plane section, cold rolled 50% and 
annealed at 700°C for 20 sec. Markings 
discussed in text. Bright field TEM 
micrograph.
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the vicinity of the boundary, providing a greater driving 
force for growth in this direction.
Figure 3.12 shows several features related to the 
partially recrystallized microstructure. A subgrain from a 
sample annealed at 700°C for 5 seconds (11% recrystallized) 
is exhibited in Figure 3.12a. A network of hexagonal 
dislocations can be seen in the interior of the subgrain. 
This network is a result of recovery processes, wherein the 
polygonized structure replaces the dislocation tangles in 
the as-rolled structure. The hexagonal shape is derived 
from the network's composition of dislocations with 
(a/2)<lll> and (a)<100> Burgers vectors (55). The latter 
dislocations are produced from the energetically favorable 
reaction of a pair of (a/2)<lll> dislocations.
Figures 3.12b through 3.12d display features from a 
specimen annealed at 700°C for 20 seconds (65% 
recrystallized). Figure 3.12b shows an unrecrystallized 
section from Figure 3.11 at greater magnification. Some of 
the subboundaries are resolved to show their structure of 
symmetrical dislocation arrays. These arrays may be 
predominantly of edge character (tilt boundaries) or screw 
character (twist boundaries). Figure 3.12c shows a subgrain 
boundary region at greater magnification. Although 


























































































tangles suggests recovery processes are not completed after 
20 seconds at 700°C. Figure 3.12d exhibits what appears to 
be an isolated subgrain in the process of being consumed by 
recrystallized grains. A line of precipitates marks the 
location of a cold-worked grain boundary. The precipitates 
are probably carbides which formed upon cooling of the as- 
cast strip.
Figure 3.13 presents recrystallized microstructures 
after intercritical annealing at 760 °C for 20 seconds (see 
Figures 3.13a and 3.13c), which resulted in 78% 
recrystallization, and 600 seconds (see Figures 3.13b and 
3.13d), which produced 99% of the recrystallization.
Figures 3.13c and 3.13d were specially etched to highlight 
martensite, which transformed from austenite during the 
water quench. Recrystallization preferentially initiates at 
grain boundaries, similar to the subcritical case. From 
consideration of the Fe-Fe3C equilibrium phase diagram, 
about 4% of the structure should transform to austenite upon 
heating to 760°C. Most austenite forms at regions of high 
carbon concentration such as pearlite and carbides, about 2% 
being accounted for by the reverse eutectoid transformation. 
This is evident by the lack of pearlite in the micrographs 
of Figure 3.13, and the sharp outline of many of the former 
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pearlite colonies. Some equiaxed austenite grains formed 
along ferrite grain boundaries, probably due to the presence 
of grain boundary carbides.
In order to determine the effect of the coarse 
Widmanstatten structure on the recrystallization kinetics, 
the as-cast strip was normalized for the purpose of 
obtaining a grain-refined initial microstructure. The as- 
normalized and partially recrystallized structures are shown 
in Figure 3.14. The average as-normalized (see Figure 
3.14a) grain size was approximately 10 jjm. One 
transformation cycle effectively replaced the Widmanstatten 
structure with equiaxed ferrite. Figures 3.14b and 3.14c 
present the structures resulting after cold rolling the as- 
normalized sheet 50% and annealing at 650°C for 32 and 100 
seconds, respectively. The heterogeneous nature of 
recrystallization is once again evident, with large clusters 
of recrystallized and unrecrystallized regions. Even after 
87% recrystallization (see Figure 3.14c), grain boundaries 
are observed in the unrecrystallized portion of the sample. 
The inhomogeneity of slip during cold working, which is a 
function of different grain orientations, results in some 
grain boundary regions undergoing more lattice bending than 
others. The boundaries which underwent lesser degrees of 
rotation were less favorable recrystallization nucleation
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Figure 3.14 - Direct-cast strip: (a) as-normalized, and
cold rolled 50% and annealed at 650°C for: 
(b) 32 sec., and (c) 100 sec. Light 




In order to track the progress of recrystallization, 
data are often plotted as fraction recrystallized as a 
function of time. This plot is shown in Figure 3.15 for the 
direct-cast strip steel cold rolled 50% and isothermally 
annealed at 600°C, 650°C, 700°C, and 760°C. The curves 
possess a characteristic sigmoidal shape, with an inverse 
relationship between temperature and time to achieve a given 
fraction of recrystallization. The curves for the 700°C and 
760°C anneals exhibit anomalous behavior by tailing off 
dramatically in the latter stages of recrystallization. The 
possibilities for this effect will be discussed later.
A rough description of the temperature dependence of 
the rate of recrystallization can be obtained by use of an 
Arrhenius function:
Rate = l/t50 = Aoexp(-Q/RT) (3.2)
where t50 is the time required for 50% recrystallization, Ao 
is a constant related to frequency, Q is the apparent 
activation energy for recrystallization, R is the gas 
constant, and T is absolute temperature. The use of an 
Arrhenius equation to describe recrystallization is a 
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The slope from a plot of In 1/t as a function of 1/T yields 
the activation energy. Figure 3.16 shows a plot of the 
relevant data, from which an apparent activation energy of 
324 kJ/mol is obtained. This compares to the activation 
energy for self-diffusion in bcc iron of 251 kJ/mol.
The recrystallization transformation can be thought of 
as a nucleation and growth phenomenon. A standard method to 
evaluate the kinetics of such reactions is through the use 
of the Johnson-Mehl-Avrami-Kolmogorov (JMAK) analysis (56). 
JMAK kinetic theory assumes that nucleation sites are 
randomly distributed and the growth rate remains constant as 
the transformation proceeds. In order to account for the 
impingement of growing transformed regions, the concept of 
an extended volume fraction is introduced. This is the 
total transformed volume fraction which would exist if each 
nucleus was allowed to grow without impinging on other new 
grains and nucleation could proceed in previously 
transformed material. It follows that the probability that 
an increment of growth will actually take place in the 
untransformed region (not subject to impingement) is equal 
to the remaining amount of untransformed material (57).
This can be expressed by the following equation:
dX = (1 - X)dXe (3.3)
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matrix, dXe is an increment of growth in the extended 
volume, and X is the fraction transformed. Equation (3.3) 
can be rearranged and integrated to yield:
X = 1 - exp(-Xe) (3.4)
The value of X can be determined for differente
conditions of nucleation (continuous or site saturated) and 
different dimensionalities of growth. Xe can then be 
described in terms of a constant (b) incorporating the 
nucleation and growth rates and an exponent (k) related to 
the dimensionality of growth, referred to as the JMAK 
exponent. Combination with Eqn. (3.4) yields the familiar 
JMAK equation:
X = 1 - exp(-btk) (3.5)
where t is the time at constant temperature. If site 
saturated nucleation occurs, meaning that all nuclei are 
present at time zero and activated shortly thereafter, the 
JMAK exponent would be 3 for three-dimensional growth, 2 for 
two-dimensional growth, and one for one-dimensional growth. 
For continuous nucleation, the JMAK exponent would be one 
more for each condition (58).
With consideration of Eqn. (3.5), the JMAK exponent can 
be determined from the slope of a plot of log ln(l/(l - X))
as a function of log time, as shown in Figure 3.17. The
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JMAK exponents from the linear segments of these curves are 
listed in Table 3.1.
Table 3.1 - JMAK Exponents as a Function of Temperature 
for 50% Cold Rolled Direct-Cast Strip
Temperature (°C) JMAK Exponent
600 1.0
650 0.85
700 (short times) 2.2
700 (long times) 0.30
760 (short times) 2 . 7
760 (long times) 0.29
The JMAK exponents at 600°C and 650 °C suggest site-saturated 
nucleation and growth in one direction. One-dimensional 
growth could be accounted for by the early saturation of 
most grain boundaries with nuclei, and subsequent planar- 
front growth in the direction normal to the boundary. 
However, examination of the partially recrystallized 
microstructure (see Figures 3.10 and 3.13) reveals this does 
not appear to be the case. All grain boundaries are not 
saturated with new grains at short times. In fact, some 
grain boundary segments are observed to resist nucleation 
until recrystallization is nearly complete. The anomalous 
behavior at 700°C and 760°C in the isothermal
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recrystallization curves manifests itself as sharp 
discontinuities in the slopes of the JMAK curves.
The observation of lower-than-expected exponent values 
and a reduction in the exponent at longer times are general 
findings when applying the JMAK analysis to 
recrystallization kinetics of metals (56). This could be 
due to a non-random distribution of nucleation sites. In 
this case, non-random nucleation does not refer to 
nucleation at preferred lattice sites such as grain 
boundaries, which can be accounted for by the JMAK equation, 
but instead to the possibility that some grains are able to 
promote greater densities of nuclei than others. This can 
be observed in the partially recrystallized microstructures 
in Figures 3.10 and 3.13. A qualitative measure of the 
heterogeneous nature of nucleation and growth in the direct- 
cast strip steel is shown in Figure 3.18 as a plot of 
migrating boundary area (the metallographically measured 
boundary area between recrystallized and unrecrystallized 
phases) as a function of fraction recrystallized for all 
annealing temperatures. The migrating boundary area 
decreases after 50% recrystallization due to the tendency 
for recrystallization to occur in clustered regions and the 
impingement of recrystallized grains.
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caused by a variation in stored energy on the grain level 
(56). This would be a result of the variance in the Taylor 
factor for differently oriented grains. If each grain is 
assumed to undergo the same shape change as the polycrystal, 
the Taylor factor is given by the ratio of the total 
required shear in a grain to the macroscopic strain of the 
polycrystal. A grain unfavorably oriented for slip will 
acquire a large Taylor factor upon deformation, accumulate 
more stored energy and lattice rotation in the process, and 
therefore be preferred as a nucleation site compared to 
grains with lower Taylor factors.
Another possible cause for the low JMAK values and 
discontinuities at the higher temperatures involves the 
effects of concurrent recovery during recrystallization. 
Since recovery processes relieve some of the cold work 
energy of the matrix, this reduces the stored-energy driving 
force for recrystallization. The result could be a decrease 
in growth and nucleation rates after a given amount of time 
(59). To test for this, the growth rates were determined 
from the following relation:
= (3.6)dt dt A
where dr/dt is the growth rate, dX/dt is the slope from the 
isothermal recrystallization curve at time t, and A is the
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migrating boundary area at time t. The results for all 
temperatures are plotted as a function of time in Figure 
3.19. The growth rate decreases dramatically at short 
times, but reaches a nearly constant rate at longer times. 
Similar results have been obtained elsewhere, and are 
attributed to the effects of recovery reducing 
recrystallization driving force until recovery processes 
have been completed (60). The depletion of a favorable 
nucleation site could also result in a decrease in growth 
rates. The growth rate for the 600°C anneal is nearest to 
being constant, and this coincides with the anneal whose 
data showed the best fit with the JMAK equation.
A different potential cause for the discontinuities in 
the JMAK plots would be the onset of a precipitation event 
which would reduce the mobility of the migrating boundaries. 
In order to investigate this possibility, determination of 
soluble nitrogen content was compared from the as-cast strip 
to the strip annealed at 700°C for 30 seconds (see Table 
3.3, discussed in Section 3.3.1), before which time the 
transformation kinetics had decreased. The results are 
inconclusive, as they show slightly higher precipitated 
nitrogen contents in the annealed strip, but probably within 
the error range for this type of analysis. However, this 
does not rule out the possibility of AIN or a different
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precipitation event affecting the kinetics.
Figure 3.20 shows the isothermal recrystallization 
curve for the normalized structure cold rolled 50% and 
annealed at 575°C and 650°C. When these curves are 
superimposed on the results for the as-cast starting 
structure (see Figure 3.21), the increase in 
recrystallization kinetics resulting from the normalizing 
treatment is apparent. The increase results from the 
greater number of preferred nucleation sites, in the form of 
high-angle grain boundaries and grain edges, present in the 
fine-grained normalized microstructure. This underscores 
the observation that boundaries between parallel 
Widmanstatten side plates, due to similar relative 
orientations, are not of the high-angle boundary type which 
support favorable nucleation sites after cold work. The 
effective grain size in the as-cast strip is therefore the 
Widmanstatten patch size (in which each patch possesses side 
plates of similar orientations), which is quite coarse. 
Another possible cause for the more rapid recrystallization 
in the normalized steel is the fact that all of the nitrogen 
was precipitated during the normalizing treatment, as 
discussed in Section 3.3.1. Nitrogen would not be available 
to dynamically precipitate on and pin migrating boundaries, 
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A JMAK plot for the normalized strip is shown in Figure 
3.22, and these curves are superimposed on those for the as- 
cast strip in Figure 3.23. For the 575°C anneal, the JMAK 
exponent is identical to that for the 600°C as-cast anneal, 
if the stray datum point at short times is neglected. The 
650°C normalized anneal initially displays a greater JMAK 
exponent than its as-cast counterpart, 3.3 compared to 0.85, 
and tails off at long times in a manner similar to that 
generally found in the literature (56), and not by the 
abrupt discontinuous manner of the as-cast anneals at 7 00°C 
and 760°C. However, observation of the microstructures does 
not reveal any obvious difference in the dimensionality of 
growth between the two conditions. This suggests the JMAK 
exponent is being affected by differences in stored energy 
or recovery processes between the two. The main conclusion 
to be drawn from a comparison of the JMAK kinetics is the 
more rapid recrystallization rates for the normalized 
specimens.
3.3 Texture Development
Crystallographic textures were examined for the 
processing conditions outlined in Table 2.2. A flowchart of 
these processes is shown in Figure 3.24 for reference 

































































































a  c j c j cj 0










































































□ QQ  U  y
_J -J O










































thermal and mechanical processing were analyzed in 
conjunction with the texture data.
3.3.1 Microstructures and AIN Precipitation
Figure 3.25 shows the microstructures from the as-cast 
and hot-coiled texture samples. Continuous annealing 
resulted in equiaxed ferrite structures, but with varying 
grain sizes. Subcritically annealed (680°C for 4 1/2 min.) 
specimens (CA-1 and CA-3) attained larger grain sizes than 
intercritically annealed (800°C for 2 1/2 min.) samples (CA- 
2 and CA-4). Hot-coiled samples (CA-3 and CA-4) achieved 
larger grain sizes than as-cast samples annealed under the 
same conditions (CA-1 and CA-2). These observations may be 
caused by the effect of AIN precipitation.
Table 3.2 lists the ratio of insoluble nitrogen levels 
as percentage of total nitrogen content for several 
conditions of the direct-cast strip. The insoluble nitrogen 
is presumed to be precipitated as AIN, while the difference 
represents soluble nitrogen available for precipitation. 
Therefore, the ratio of insoluble to total nitrogen is 
directly related to the presumed AIN content.
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Figure 3.25 - Representative microstructures from as-cast
and hot-coiled texture samples: (a) CA-1,
(b) CA-2, (c) CA-3, (d) CA-4, (e) BA-1, and
(f) BA-2. Light micrographs, 2% nital etch.
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Table 3.2 - Analysis for Insoluble (Precipitated) Nitrogen 
as a Percentage of Total Nitrogen for Thermally
Processed Direct-Cast Strip ____
Specimen Insoluble N as 
Percentage of Total N
As-Cast 52%
As-Cast, 700°C for 30 sec. 57%




Table 3.2 shows that the hot-coiling treatment ties up 
much of the remaining soluble nitrogen after casting. 
Therefore, less nitrogen is available to dynamically 
precipitate during recrystallization and pin migrating grain 
boundaries. This results in a larger grain size for the 
hot-coiled samples. Figure 3.26 shows the kinetics for 50% 
precipitation of AIN upon cooling for an AK steel of similar 
composition to the direct-cast strip. The double "C"-curve 
is due to the enhanced diffusivity of AIN in bcc iron. The 
intercritical nose of the curve is located at 800°C. 
Therefore, the dynamic precipitation of AIN is much more 
probable for the intercritically annealed samples than for 
the subcritically annealed ones. This could contribute to 

























Figure 3.26 - Time-temperature-transformation curve for 50%
precipitation of AIN in 0.05C - 0.12 A1 - 
0.007 N steel (61).
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CA-3, respectively. Also, austenite formation would 
contribute to grain size refinement.
From consideration of Figure 3.26, and other results in 
the literature (61,20), it is surprising that any AIN 
precipitated at all in the as-cast strip. Although no AIN 
particles were directly observed in this study, Shiang and 
Wray (22) confirmed their presence in the as-cast strip by 
EDS x-ray techniques. Perhaps the rapid transformation of 
austenite to Widmanstatten ferrite, with its attendant 
dislocation generation, reduces the nucleation barrier for 
AIN precipitation by creating potent nucleation sites along 
veining subboundaries. It is known that prior cold work 
increases the precipitation kinetics of AIN in ferrite (62), 
although this tendency was not observed between the as-cast 
and cold rolled specimens heated to 700°C for 20 seconds 
(see Table 3.2).
Although the precipitation of AIN is sluggish upon 
cooling, several studies have reported very rapid 
precipitation upon quickly heating from room temperature, or 
up-quenching (63,64,65). Gladman and Pickering (63) 
observed complete AIN precipitation in an AK steel after 10 
minutes at 950°C. It is not surprising, then, to find all 
nitrogen precipitated in the as-normalized specimen, which 
was heated to 915°C for 10 minutes. This consideration also
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raises the probability that AIN precipitation could have 
occurred during the recrystallization kinetic experiments.
Returning to Figure 3.25, the as-cast batch annealed 
sample (BA-1) has developed an elongated grain structure, 
while the hot-coiled example (BA-2) has not. This is due to 
the availability of nitrogen to precipitate on subboundaries 
concurrent with recrystallization in BA-1, as discussed in 
Section 1.4.2. Sample BA-3 developed a microstructure 
similar to that of BA-2. This is due to the precipitation 
of all available nitrogen during the normalizing treatment.
The effect of cooling rate on samples CA-3 and CA-4 was 
investigated in order to observe the resultant carbide 
formation. Coarse carbides are desired for good 
stretchability, while a fine carbide dispersion reduces the 
tendency toward strain aging (13). Figure 3.27 shows a 
schematic of the cooling and aging treatments, while Figure 
3.28 presents the microstructures obtained. The air- 
quenched specimens (see Figures 3.28a and 3.28c) display a 
few coarse carbides, while the water-quenched samples show a 
very fine carbide structure. The fine carbide dispersion 
results from the high degree of carbon supersaturation from 
the water-quench, which promotes rapid carbide precipitation 
throughout the ferrite matrix upon aging. The 
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3.28d) presents a dual-phase structure which would be 
expected to provide high strengths, but with limited 
formability.
3.3.2 Representation of Textures
Before presenting the texture analysis results, a brief 
discussion of their visual representations is in order. The 
two-dimensional display of textures can be accomplished 
through the use of pole figures or inverse pole figures.
Pole figures plot the position of some crystal axis (e.g. 
for a {110} pole figure this would be <110> poles) with 
respect to a sample reference frame. For rolled samples the 
sample reference frame would conveniently be the rolling and 
transverse directions. Figure 3.29 shows a typical {110} 
pole figure from the direct-cast strip steel, with contour 
lines representing multiples of random distribution (mrd).
Inverse pole figures plot the distribution of a sample 
reference axis in the crystal reference frame. Figure 3.30 
presents a typical normal-direction inverse pole figure for 
the direct-cast strip, from sample CA-2. The distribution 
of normal directions from the sample, in this case normal to 
the rolling plane, is plotted on a standard stereographic 
quadrant. Therefore, Figure 3.30 shows a greater than 











Figure 3.30 - Normal-direction inverse pole figure for
sample CA-2.
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planes oriented parallel to the surface are contained in the 
sample. This general distribution was characteristic of all 
direct-cast specimens examined.
Both the pole figure and the inverse pole figure can be
described by a set of two angles, Y and 0 for pole figures,
and 0 and 0 for inverse pole figures as shown in Figure 
3.31. However, three angles are required in order to 
describe fully the orientation of a grain. Figure 3.32
shows how this can be accomplished by linking the three
angles, which are termed Euler angles. Each Euler angle is 
represented by a rotation about a given axis, the result of 
the three rotations being the coincidence of the sample 
reference frame with the crystal reference frame. In this 
example, the three Euler angles completely describe the 
orientation of a {110}[001] grain in a sheet sample.
If the densities of many different sets of Euler angles 
can be determined (e.g. by the WIMV algorithm and data from 
three pole figures), these densities can be plotted in 
three-dimensional orientation space. Figure 3.33a presents 
a schematic of this orientation space constructed from the 
three Euler angles. However, for purposes of clarity it is 
preferred to plot a section or series of sections from 
orientation space. For texture work involving iron, it is 
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the orientations of interest reside there. Sections taken 
from orientation space with constant 0 are termed 
crystallite orientation distributions (CODs), since they 
plot crystal orientations (66). Figure 3.33b shows a COD at 
0 = 45° with the locations of orientations of interest in 
this study for reference purposes. The remaining texture 
results will be presented in the form of CODs at 0 = 45°.
3.3.3 Texture Results
Figure 3.34 shows the CODs for the as-cast and as- 
rolled conditions. Contour lines represent lines of 
constant mrd. The as-cast steel (see Figure 3.34a) exhibits 
preferred {001}<uvw>, {110}<uvw>, and {111}<110> components. 
(Texture components with only one preferred descriptor are 
referred to as fiber textures. For example, the {001}<uvw>, 
or simply {001} component would be a <001> fiber texture in 
the normal direction.) Cast steels acquire an as-cast 
texture, although this consists primarily of {001} 
components. Since the texture is weak, it may result from 
some degree of hot deformation and dynamic recrystallization 
in the twin-roll caster. Cold rolling 70% (see Figure 
3.34b) results in strengthening of the texture, especially 






.34 - <p = 45° section of crystallite orientation 
distribution for: (a) as-cast, and (b) 70%
cold rolled direct-cast strip.
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Figure 3.35 exhibits the CODs for samples CA-1 and 
CA-3, while Figure 3.36 shows those for CA-2 and CA-4. In 
each case, the main components are near {001}, {111}, and 
{Oil}. To facilitate comparisons between CODs, the 
difference between them can be calculated and displayed in 
the same form as a normal COD. Figure 3.37 shows the CODs 
representing the difference between CA-4 and CA-2 (see 
Figure 3.37a) and CA-4 and CA-3 (see Figure 3.37b). The 
terminology implies the second sample's COD was subtracted 
from the first sample's. In other words, the CA-4 - CA-2 
COD was obtained by subtraction of CA-2 from CA-4. Solid 
contour lines represent mrd levels in CA-4 greater than CA- 
2, while dashed contours, with negative mrd values, 
represent greater mrd levels in the subtracted sample, in 
this case CA-2. Therefore, the CA-4 - CA-2 COD shows that 
CA-4 contained greater densities of {111} components and 
decreased densities of {001} components than CA-2. This 
demonstrates a more favorable texture evolved in the hot- 
coiled, intercritically annealed sample than in the as-cast 
sample. The trend displayed in conventional processing is 
exhibited, wherein sheet to be continuously annealed is 
coiled hot in order to remove soluble carbon from the 
ferrite matrix before annealing. The difference between the 














Figure 3.37 -  cf> =  45° section of COD for: (a) (CA-4) -
(CA-2), and (b) (CA-4) - (CA-3).
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samples (CA-4 - CA-3) is seen to consist of a disparity in 
the type of {111} components and a greater density of {001} 
components in CA-3. These differences, while not great, 
could be due to the influence of the austenite 
transformation, or increased precipitation of AIN in sample 
CA-4 .
The textures developed in the normalized samples CA-5 
and CA-6 are much stronger, as shown in Figure 3.38. This 
highlights the important effect of initial microstructure on 
texture evolution. Figure 3.39 exhibits the difference 
between the normalized textures and their hot-coiled 
counterparts. Although the normalized structures developed 
much stronger favorable {111} components, they promoted 
stronger unfavorable {001} segments as well.
CODs presenting the differences between the three batch 
annealed samples are shown in Figure 3.40. The texture 
resulting from the as-cast sample displays slightly greater 
{111} and fewer {001} components than the hot-coiled 
specimen (see Figure 3.40a). This could be a result of the 
influence of AIN precipitation on the selective growth of 
{111} subgrains at the expense of other texture components. 
Additional evidence for the effect of precipitation of AIN 
during batch annealing in the as-cast strip is supplied by 









Figure 3.39 -  <p =  45° section of COD for: (a) (CA-5) -






Figure 3.40 - 0 = 45° section of COD for: (a) (BA-1) -
(BA-2), and (b) (BA-3) - (BA-1).
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Figure 3.41 - Microstructures obtained after batch
annealing: (a) BA-2 and (b) BA-1, showing
pancake grain structure in BA-1. Light 
micrographs, Bechet and Beaujard's etch.
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elongated grain morphology, while BA-2 is equiaxed. The 
presence of the elongated, "pancake" grain structure is 
typical of conventional batch annealed sheet, believed to 
result from the pinning effects of AIN precipitation along 
elongated, cold rolled grain boundaries. Therefore, the 
direct-cast strip steel follows the basic trends shown in 
conventional processing, whereby sheet to be batch annealed 
is processed to keep as much nitrogen as possible in 
solution prior to cold rolling. Evidently, the soluble 
nitrogen remaining in the as-cast strip was able to exert a 
beneficial effect on subsequent texture development. Since 
the segregation etchant was used on the micrographs of 
Figure 3.41, it shows the segregation to grain boundaries 
after long times at temperature. However, a trace of the 
original center-line is still visible in BA-1 (see Figure 
3.41b).
The textures of the direct-cast steel were also 
compared to conventionally processed strip. Figure 3.42a 
shows the COD from a conventional, continuously annealed 
low-carbon strip, while Figure 3.42b displays the difference 
in texture between this sheet and its direct-cast 
counterpart, sample CA-3. The conventional strip shows 
stronger {111}<01T> and {001}<010>, and weaker {001}<110> 






<t> = 45° section of COD for: (a) conventional.42
low-carbon, continuous annealed sheet, and (b) 
(conventional CA COD) - (CA-3).
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more desirable texture for formability. The COD from a 
conventional interstitial-free, continuously annealed steel 
is shown and compared to CA-3 in Figure 3.43. The 
interstitial-free steel exhibits greater densities along the 
entire <111> fiber, again representative of a more 
beneficial texture compared to the direct-cast strip.
Figure 3.44 shows the COD from a typical drawing 
quality (DQ), batch annealed steel, and the difference 
between its texture and that from sample BA-1. The DQ 
sheet, representative of conventional processing, once again 
presents stronger {111} components. Comparisons of the 
normalized samples CA-5 and BA-3 to their conventionally 
processed continuous annealed and DQ batch annealed 
counterparts in Figure 3.45 show the direct-cast specimens 
possess similar {111} components but much stronger {001} 
components. The strong {001} components indicate an 
inferior texture.
3.3.4 Modul-r Testing
Results from modul-r testing for the several direct- 
cast samples are presented in Table 3.3. Frequency readings 
were unobtainable for two of the thirty test specimens, both 
being diagonal directions. Since revalues cannot be 








3.43 - <t> =  45° section of COD for: (a) interstitial
free, continuously annealed steel, and (b)







.44 - 0 - 45° section of COD for (a) conventional
DQ, batch annealed sheet steel, and (b) (DQ,






.45 -  <p =  45° section of COD for: (a) (CA-5) -
(conventional CA COD from Figure 3.42), and
(b) (BA-3) - (DQ, BA COD form Figure 3.44).
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Table 3.3 - Results from Modul-r Tests on Direct-Cast Steel
(E-values in GPa) _______________
Sample E0- e 45* . Eaa:___ r.... m Ar
CA-1 208 223 222 1.49 0.386
CA-2 208 226 219 1.56 0.610
CA-3 210 NA 221 — —
CA-4 208 225 218 1.49 0.557
CA-5 204 228 215 1.48 0 .904
CA-6 202 NA 216 — —
BA-1 206 227 218 1.49 0.723
BA-2 205 227 218 1.48 0.768
BA-3 205 227 214 1.45 0.878
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the longitudinal, transverse, and diagonal directions are 
listed for comparison, along with rm- and Ar-values. The 
latter are empirically determined from modulus values (see 
Section 2.5).
The revalues are similar for all of the processing 
treatments, varying only from 1.45 to 1.56. This range of 
values is borderline or slightly lower than that required 
for drawing quality formability, but typical of continuously 
annealed grades. The batch annealed specimens exhibited 
poorer revalues than those typical of conventional batch 
annealed grades. The smaller than expected difference in 
revalues is somewhat surprising, along with the 
comparatively low revalue for BA-1, taken in conjunction 
with its pancake grain morphology and the equiaxed structure 
of BA-2. However, it has been pointed out that pancake­
shaped grains are not directly related to high revalues 
(10). Evidently, the differences in texture among all but 
the normalized samples, although displaying the trends shown 
in conventional processing, were not great enough to 
strongly influence r^-values. However, the textural 
difference between direct-cast steels and conventionally 
processed strip caused the former to exhibit lower r - 
values. Overall, the aluminum-killed composition of the 
direct-cast steel enabled the attainment of revalues higher
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than those of normal rimmed steels, which vary from 0.8 to 
1 .2 .
As for the normalized samples (CA-5, CA-6, and BA-3), 
the beneficial effect of stronger {111} components was 
offset by greater {001} densities. Also, these textures 
resulted in the largest Ar-values measured among the strip 
cast samples, 0.904 for CA-5 and 0.878 for BA-3. These 
positive Ar-values would lead to the formation of 
undesirable earing at 0° and 90° to the rolling direction 
upon deep drawing. It has been postulated that this is a 
result of high densities of {554}<225> texture components 
(67), which are located about 6° from the <111> fiber 
texture.
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4.0 SUMMARY AND CONCLUSIONS
4.1 Summary
The structure and properties resulting from an 
aluminum-killed, low-carbon, direct-cast strip steel were 
investigated in order to determine thermal processing 
characteristics favorable to the production of formable 
sheet.
The as-cast strip showed several defects, including 
oxidation, cracking, and variable thickness, but the overall 
integrity was good. The microstructure of the as-cast strip 
consisted of coarse patches of Widmanstatten ferrite, with 
some polygonal ferrite. This structure resulted from the 
coarse prior-austenite grain size and the rapid cooling 
rates encountered during the twin-roll casting process. TEM 
observations revealed a high dislocation density associated 
with the Widmanstatten ferrite structure. It was concluded 
the dislocation substructure developed as a result of the 
thermal and transformation stresses encountered during rapid 
cooling.
The solidification structure of the direct-cast strip 
contained the elements of traditional castings. Solute 
segregation resulted in a chill zone, a columnar zone, and a 
distinct center-line. The presence of cracks in the as-cast
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strip was determined to result from a hot-short condition 
caused by the presence of lower-melting-point interdendritic 
liquid.
Recrystallization experiments were performed in order 
to investigate the response of the cold rolled strip to 
isothermal annealing. Recrystallized grains preferentially 
nucleated on high-angle grain boundaries, with some boundary 
segments supporting more nuclei than others, Low-angle 
boundaries between parallel Widmanstatten side plates did 
not support nucleation of new grains.
Isothermal recrystallization curves exhibited typical 
sigmoidal shapes, but a discontinuity resulting in slower 
recrystallization rates was observed at long times for 700°C 
and 760 °C anneals. This was attributed to either the 
pinning effect of dynamic AIN precipitation on migrating 
boundaries, or the consequence of concurrent recovery 
processes. JMAK kinetic analysis was unable to describe 
adequately the recrystallization process, based on 
microstructural observations. This can be ascribed to the 
effect of non-random stored energy, which could also result 
in the observed heterogeneity of nucleation.
A grain-refined initial structure, produced by 
normalizing the as-cast strip, led to increased 
recrystallization rates. A greater density of preferred
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nucleation sites was probably responsible. It is concluded 
that recrystallization was sluggish in the as-cast strip 
primarily because of the effective coarse grain size. This 
implies the as-cast structure would not be a good candidate 
for continuous annealing.
Texture and modul-r samples were prepared with three 
initial structures: as-cast, hot-coiled, and normalized. A
sample in each of these conditions was subcritically 
annealed, intercritically annealed, and batch annealed. The 
resultant grain sizes for the as-cast and hot-coiled samples 
were inversely related to the degree of dynamic AIN 
precipitation during continuous annealing. AIN 
precipitation, in turn, was dependent on the amount of 
soluble nitrogen available and the annealing temperature.
It was determined that 52% of the nitrogen was insoluble in 
the as-cast structure, presumably due to AIN precipitation 
during casting. Since AIN is not expected to precipitate in 
the presence of the cooling rates associated with strip 
casting, it is surmised that if AIN is indeed present, the 
dislocation generation arising from the austenite-to- 
Widmanstatten ferrite transformation could act to increase 
the precipitation kinetics through lowering the nucleation 
barrier.
Texture analysis showed the development of favorable
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recrystallization textures followed the trends established 
in conventional Al-killed sheet annealing practice. 
Continuous annealed sheet benefited from hot-coiling, and 
batch annealed sheet profited from increased soluble 
nitrogen levels. However, conventionally produced sheet was 
shown to possess more highly developed {111} textures than 
direct-cast strip.
Modul-r testing results showed limited variation in rm~ 
values between direct-cast samples, suggesting texture 
differences were not as great among direct-cast samples as 
their collective difference to conventionally processed 
sheet. The r -values were on the low end of that requiredm
for formability, but much better than those of rimmed 
steels.
4.2 Conclusions and Recommendations
The twin-roll strip differed from conventional hot band 
largely in two respects, the presence of cracks and a coarse 
Widmanstatten ferrite microstructure. The former condition 
would render the sheet useless to forming operations, while 
the latter may be generally responsible for sluggish 
recrystallization and less-favorable recrystallization 
texture development.
The control of cracking in the as-cast strip might be
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alleviated by casting ultra-low-carbon (ULC) steels and 
compositions as clean as economically feasible. ULC steels 
would be good candidates for strip casting since solute 
segregation would be limited. This would reduce or 
eliminate the presence of crack-inducing, low-melting-point 
interdendritic networks.
Although normalizing before cold rolling resulted in a 
refined, equiaxed grain structure and increased 
recrystallization kinetics, there would be drawbacks to its 
implementation in a strip casting process route. First, any 
thermal conditioning of the as-cast strip would reduce the 
efficiency of the process, which is the main reason for its 
development. Secondly, the normalizing heat treatment 
effectively precipitates all soluble nitrogen, thereby 
eliminating the ability to batch anneal.
From the above considerations, perhaps thermomechanical 
processing could be utilized in a strip casting production 
route. An in-line controlled rolling operation could be 
tailored for specific applications. Thicker as-cast strip 
would allow greater latitude for thermomechanical 
treatments. The degree of grain refinement would not need 
to be as great as for traditional applications of control- 
rolled steels, where high strength and toughness are the 
primary requirements. The main purpose in this case would
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be to avoid the formation of coarse Widmanstatten ferrite 
microstructures.
For aluminum-killed grades, a refined as-cast grain 
size and retention of soluble nitrogen could be achieved 
through controlled rolling. This would be a favorable 
structure for batch annealing. The controlled rolling of 
niobium-stabilized, ULC steels would result in good 
candidates for continuous annealing.
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